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tially nonuniform systems when highly stressed
regions are encountered; however, we do not yet
fully understand what causes rupture nucleation
in our system. We find that nucleation locations
are often regions where 1(x)/c(x) is maximal (for
instance, see Fig. 2C). Hence, either low o(x) or
high 1(x) can influence the location and initiation
of rupture fronts. Increased o(x), as at the leading
edge in Fig. 2F, will serve to suppress nucleation.
Likewise, values of t(x) that oppose the applied
shear, such as at the trailing edges of Fig. 2, will
have the same effect. The high values of both
o(x) and 1(x) associated with corners can either
make edges susceptible to rupture nucleation (Fig.
2A) or suppress rupture, depending on the com-
petition between them.

Once a rupture front is nucleated, knowledge
of the local stress profiles along the interface
allows us to predict the rupture mode and could
indicate when a rapid mode will either arrest to
a complete stop (Fig. 2A) or evolve into a slow
front (Fig. 2B). Thus, the initiation/transition lo-
cations of the slow fronts observed in previous
studies (5, 6) become clearer. Such questions of
predictability are important when applied to un-
derstanding earthquake dynamics (3). Although
1(x)/o(x) is an elusive quantity to measure along
natural faults, indirect measurements may be pos-
sible by coupling precise measurements of spatial
variations of V(x) to laboratory measurements of
the t(x)/o(x) dependence on V; as in Fig. 3. This

estimate of this otherwise inaccessible quantity
could provide some measure of predictability of
the eventual size and dynamics of fast earth-
quakes along natural faults.
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Block Copolymer Self-Assembly-
Directed Single-Crystal Homo- and
Heteroepitaxial Nanostructures

Hitesh Arora,"~* Phong Du,*t Kwan W. Tan, Jerome K. Hyun,3t John Grazul,* Huolin L. Xin,?
David A. Muller,>¢ Michael O. Thompson,* Ulrich Wiesner's

Epitaxy is a widely used method to grow high-quality crystals. One of the key challenges in
the field of inorganic solids is the development of epitaxial single-crystal nanostructures. We
describe their formation from block copolymer self-assembly—directed nanoporous templates
on single-crystal Si backfilled with Si or NiSi through a laser-induced transient melt process.
Depending on thickness, template removal leaves either an array of nanopillars or porous
nanostructures behind. For stoichiometric NiSi deposition, the template pores provide
confinement, enabling heteroepitaxial growth. Irradiation through a mask provides access to
hierarchically structured materials. These results on etchable and non-etchable materials
suggest a general strategy for growing epitaxial single-crystal nanostructured thin films for
fundamental studies and a wide variety of applications, including energy conversion

and storage.

ost nanostructured inorganic materials di-
Mrected by organic molecule self-assembly

are either amorphous or polycrystalline
(1-7). One of the key remaining issues in the field
is the development of single-crystal nanostruc-
tured inorganic materials with an epitaxial relation
to an underlying substrate. Such materials may
enable advances in areas such as energy genera-
tion and storage. For example, the charge carrier

mobility in crystalline materials in small dimensions
is substantially reduced by grain boundaries, which
decreases charge collection efficiency in photovoltaic
cells (8). Although large-area patterned inorganic
epitaxial single crystals have been synthesized be-
fore, the patterns have been limited to the micro-
meter scale (9). Several attempts have been made
to achieve smaller-scale structures. Block copolymer
thin films have been used as etching masks to

generate inorganic nanostructures, but the pro-
cess depends on etchable substrates, and the fea-
tures can only be vertically aligned and are always
open from the top (/0-13). Laser-induced melting
of Si and subsequent infiltration into a quartz mold
have been previously described (/4). The process
relies on so-called top-down lithography and
etching to make a mold, however, with a structur-
al period of hundreds of nanometers. Moreover,
the epitaxial relation of the resulting structures to
the substrate was not elucidated, and the heteroepi-
taxy of non-etchable materials was not addressed.
Directional rapid solidification and epitaxy have
been described for semicrystalline block copolymer
films, but without any inorganic materials (/5).
Hierarchically ordered oxide structures have been
demonstrated before, but the oxides were not single-
crystalline (/6). Mesoporous, single-crystalline,
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Melt laiser Probe laser Experiment 2

1 Crystalline Si

Inorganic template

B Amorphous Si or stoichiometric NiSi
B Crystalline Si or NiSi nanostructures

Fig. 1. Schematic of single-crystal homoepitaxial Si and heteroepitaxial NiSi nanostructure generation.
(A) Porous template. (B and C) First experimental process. (D to G) Second experimental process. (H)
Laser irradiation schematic. (1) Photograph of Si wafer with bare crystalline Si substrate (blue arrow), with
a-Si deposited (red arrow) and spots after laser-induced crystallization (green arrows).

Fig. 2. AFM images
with respective height
profiles. (A and C) Porous
templates. (B), (D), and
(E) Si nanostructures. (F
to J) Voronoi analysis of
corresponding AFM im-
ages. (K) Table for sam-
ples s1 (1), s2 (1), and s3
(1. RDFs of (L) samples
s1and s3 and (M) sample
s2 are shown. The scan
size for all AFM images is
1 x 1 um, and the scale
bar (y axis) ranges from
—15to 15 nmiin the height
profiles. The scan area for
Voronoi analysis is 2 x 2

ume.
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mixed transition-metal-oxide particles and calcite
single crystals with gyroid morphology have been
generated from surfactant and polymer self-assembly,
respectively, but their epitaxial relations to sub-
strates have not been described (/7-19). Finally,
epitaxial thin-film oxide growth on single-crystal
substrates and subsequent topotactic crystal trans-
formation with substantial volume shrinkage leading
to pores with crystallographic alignment have re-
cently been demonstrated. The process did not in-
volve organic molecule self-assembly, however,
and the topotactic transformation process is most
likely materials-specific and thus may not easily be
generalized to other materials (20).

In this work, we used nanoporous thin films
~15 to 100 nm thick on Si to define and control
epitaxial crystallization of Si and NiSi, with tem-
plates having periodicities on the scale of tens of
nanometers. Template thin films were obtained in
a bottom-up self-assembly approach using in-
organic precursors, a process directed by block
copolymer self-assembly. Template pores were
filled with amorphous Si or NiSi (a-Si or a-NiSi).
Subsequently, laser-induced melting converted
the amorphous phase into crystalline materials.
Depending on template thickness, either arrays
of isolated nanopillars or interconnected three-
dimensional nanostructures were generated.

The processes we used are schematically shown
in Fig. 1, A to H. In the first part of this study, bare
Si wafers were spin-coated with a mixture of prehy-
drolyzed metal alkoxides [(3-glycidyloxypropyl-)
trimethoxysilane and aluminum sec-butoxide, in

. 0.05
K Sample Centers Voronoi-6 | ™~ . 3 M
Parent-| 3552 0.56 Sl f 2o I
[ 3226 0.45 goos s1 L I
Parent-lI 3101 0.69 %0-03 o0
S0z ) Parent s2
1 2759 0.53 E Parent s1 g oot |
Parent-lll 4058 0.50 o *
.00 0.00 T
1 3142 0.39 0 50 r(?’ﬂ%) 150 200 50 r “%lr)%) 150 200
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a ratio of 8:2 by weight] and poly(isoprene-b-
ethylene oxide) (PI-»-PEO) diblock copolymers
(ratio of metal alkoxides to polymer, 6:1 by weight)
in organic solvents (tetrahydrofuran:chloroform,
1:1 by weight) (21). Monolayers with inverse hex-
agonal nanostructure were formed (22), with one
inorganic-rich domain (PEO + inorganic) and the
other purely organic (PI). The organic components
were subsequently removed by slow heating to
500°C, leaving an ordered nanoporous hexago-
nal array, with pores accessible from the top, Fig.
1A. For the block copolymers we used, the nano-
pore lattice spacings were between 30 and 35 nm,
depending on the polymer molecular weight. The
physical film thickness after calcination was 16 =
1.6 nm, as determined by a combination of scanning
electron microscopy (SEM) and x-ray diffraction
(22). The nanopores were initially filled with Si
through the use of 40-ns XeCl excimer pulsed
laser irradiation [wavelength (L) = 308 nm] (Fig.
1H). The template itself was transparent, with the
laser light being absorbed by the Si substrate. Time-
resolved reflectance (TRR) of the sample surface
was monitored with a diode probe laser (A = 650 nm)

Fig. 3. EM images of
homo- and heteroepi-
taxial nanostructures. (A
and B) TEM images of Si
nanostructure cross sec-
tions. The phase contrast
reversals at the inter-
face result from thickness
changes in the sample:
The substrate is thicker
than the pillar, and the
electrons undergo a larger
phase shift in the sub-
strate. STEM images, which
do not suffer from con-
trast reversals with thick-
ness, are shown for (C)
nanostructure in focus
and (D) Si substrate in
focus. Corresponding EELS
spectra and FFT insets
are in (Q) and (D). (E)
STEM image of a NiSi pil-
lar cross section on Si. (F)

and was used to measure melt duration. At fluences
(o) above the melt threshold (~600 mJ/cm? for Si),
the semiconducting solid became a metallic liquid,
and the surface reflectance increased sharply (23),
providing a fingerprint for understanding the mech-
anistic details of the process.

In first experiments, with sample s1, the porous
template was irradiated with the excimer laser at
fluences sufficient to melt the underlying Si sub-
strate. Because of rapid cooling into the substrate,
the total melt duration was only ~20 to 100 ns,
and the total time at higher temperatures was less
than a few microseconds, preventing sintering col-
lapse of the porous silica-type template. After laser
irradiation, the aluminosilicate template was dis-
solved away with a 48% hydrofluoric acid (HF)
solution to expose the resulting array of Si nano-
pillars (Fig. 1, B and C). Figure 2, A and B, show
atomic force microscopy (AFM) images of
sample sl before and after irradiation with five
laser pulses of 40 ns duration and the subsequent
removal of the skeletal aluminosilicate. The AFM
results suggest excellent pattern transfer from the
template into Si. The images were quantitatively

EELS spectra on the NiSi
pillar and Si substrate
from boxed regions in (E).
(G) Top view and cross-
sectional (inset) SEM
images of the ~100-nm-
thick porous niobia tem-
plate. (H) Top view and
cross-sectional (inset) SEM
images of the porous Si
nanostructure obtained
from (G). (1) Cross-sectional
TEM image of the thicker
porous Si nanostructure
in (H).

8 OCTOBER 2010

analyzed with analysis tools described elsewhere
(24, 25). Figure 2, F and G, show representative
Voronoi diagrams of the aluminosilicate template
and the resulting nanostructured Si array, respec-
tively. The Voronoi diagram represents the number
of nearest neighbors of a pore or resulting Si
nanostructure after melting and is color-coded to
facilitate identification of defects and grain bound-
aries (25). The Voronoi-6 ratio, defined as the
fraction of pores or resulting Si nanostructures
with sixfold hexagonal nearest-neighbor symmetry,
provides a simple metric for sample comparison.
As indicated by the increased number of defects in
the Voronoi diagram, the transformation from
pores to Si nanopillars increases disorder in the
system. However, transfer of the template into Si
structures was accomplished with a high yield, with
greater than 90% conversion of pores to Si nano-
pillars and only a 20% decrease in the Voronoi-6
ratio (Fig. 2K, sample s1).

Although in these experiments the transfer
fidelity was high in the lateral dimensions, sec-
tion analysis of AFM images showed the re-
sulting Si nanostructures to be only 1 to 2 nm

]
:4— Ni L-Edge |
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high (see height profile in Fig. 2B). This mo-
tivated the development of a second, modified,
process in subsequent experiments, enabling bet-
ter filling of the pores and thus forming taller Si
nanopillars. To this end, an a-Si overlayer (Fig. 1,
D to G) was deposited onto the template before
laser irradiation. Furthermore, the native oxide
present at the bottom of the pore was first re-
moved by Ar ion sputtering before a-Si deposi-
tion in the same chamber and at the same base
pressure. This resulted in a clean interface be-
tween deposited a-Si in the pore and the crystalline
Si (c-Si) substrate (Fig. 1E). Laser irradiation at
an energy density above the melt threshold of c-Si
of sample films (sample s2) prepared in this way
resulted in epitaxial crystallization of Si nano-
pillars from the substrate inside the pore (Fig.
1F). Subsequent HF (48%) treatment removed
the oxide template, leaving behind an array of
single-crystal nanopillars (Fig. 1G). The AFM
image and Voronoi analysis (Fig. 2, C and D, and
H and [, respectively) of the template and pillar
array confirmed 89% pattern transfer and only a
23% decrease in the Voronoi-6 ratio (Fig. 2K,
sample s2). The average height of pillars was
found to be 6 to 7 nm, which is substantially
higher than before (see height profile in Fig. 2D).

The epitaxial crystallinity of the Si nanopillars
was confirmed by imaging pillar cross sections
with high-resolution TEM and scanning TEM
(STEM) (Fig. 3). The presence of lattice fringes
in the pillars in congruence with the fringes in the
substrate (Fig. 3, A and B) shows the crystalline
nature of the nanopillars. The epitaxial growth of
the nanopillars was confirmed by STEM-mode
imaging, in which the Si substrate and nanopillar
are both shown to be aligned along the [110]

zone axis (Fig. 3, C and D). The two-dimensional
fast Fourier transform (FFT) patterns on the pillar
and substrate (lower left insets in Fig. 3, C and D,
respectively) show that the two areas share the
[111] reflections. Because of an offset in depth
that exceeded the depth of field of the microscope
for 0.3-nm fringes, STEM-mode images were
taken with only the pillar (Fig. 3C) and only the
substrate (Fig. 3D) in focus. Electron energy-loss
spectroscopy (EELS) on the pillars (lower right
inset in Fig. 3C) revealed the presence of a
crystalline Si L-edge peak at 100 eV, also seen in
the spectrum of the ¢-Si substrate (upper left inset
in Fig. 3D). The small peak at 108 eV (inset of
Fig. 3C) arises from Si in the thin SiO, surface
layer that forms in air after HF treatment.
Because nanopores generated through block
copolymer self-assembly laterally confine the crystal
growth to narrow dimensions, it is possible to het-
eroepitaxially grow crystals with moderate lattice
mismatch on Si. In this way, single-crystal nano-
structures can be generated that are not easily
accessible through etching. To this end, stoichio-
metric NiSi was sputter-deposited on the porous
template (deposition rates were monitored with a
crystal monitor) after the native oxide was re-
moved. The NiSi (202) lattice mismatch to Si
(220) was 0.5 to 0.6%, and in the absence of lateral
confinement, NiSi film deposition on Si leads to
multiple lattice orientations (26) and small-island
formation, releasing the strain accumulated over
larger lateral film distances. The nanoporous NiSi-
filled films were then laser-irradiated to melt the
amorphous NiSi, which subsequently solidified
epitaxially from the substrate (27). The short dura-
tion of the melt minimized Ni diffusion or the
incorporation of Si from the substrate into the liquid

REPORTS I

phase, thus maintaining the correct stoichiometry
in the pore. The epitaxial orientation of the strained
NiSi lattice on the c¢-Si substrate was confirmed by
STEM images of the NiSi/Si interface, with the
substrate aligned along the [110] zone axis (Fig.
3E). The EELS spectra collected on the pillar and
the substrate clearly indicated the presence of a
Ni L-edge peak on the pillar and an absence of Ni
below the interface (Fig. 3F). The pore sizes gen-
erated through block copolymer self-assembly thus
provided the necessary confinement for hetero-
epitaxy growth on single-crystal substrates for ma-
terials with moderate lattice mismatch.

We next examined the mechanistic aspects of
the single-crystal nanopillar formation. A series
of experiments was first performed (sample s3) in
which the a-Si was deposited without etching the
native oxide layer, thereby preventing direct growth
from a c-Si substrate. The native oxide layer is
expected to prevent molten Si from flowing through
the pores, and hence deposited Si should remain
confined to the pores (or on top of the template)
when melted by the excimer laser pulse. This in
turn should result in Si nanopillars of maximum
height (~15 nm). This was indeed observed (see
the AFM analysis in Fig. 2E). Voronoi analysis of
AFM data revealed a 77% pore-to-pillar conver-
sion, with a 22% decrease in the Voronoi-6 ratio
(Fig. 2, J and K, sample s3).

For further quantitative data analysis, the ra-
dial distribution functions (RDFs) of the AFM
images were computed for the parent templates
and the resulting Si pillar nanostructures (Fig. 2,
L and M). The RDFs of the unirradiated, parent
templates exhibited narrow first-order maxima and
multiple higher-order peaks. With no deposited
films (sample sl), after irradiation the RDF

Fig. 4. 'Eluddation‘of A 2 B C ) D
the formation mechanism . 300 mJiem? Iy 700 mJ/cm2 500 mJ/em 700 mJlem?2
of single-crystal nano- ‘ ‘ 1 Il
strtjctuae)si) (A) ST'RR ;1090 1 800 mJicm? I 00 mJ/em?
nal on (I) bare Si at ! 500 mJicm?2
m)/cm?, (Izl) bare Si at - 700 ’“J’”“z, J 700 mJicm2 ——
800 m)/cm?, and (Ill) sam-
2 0 50_100 150 200 0 50_ 100 150 200 0 50_ 100 150 200 0 100 200 300
ple s1 at 800 m)/cm®. Time?ns) Time(ns) Time(ns) Time(ns)

(B) a-Si deposited on

bare Si (I), first irradia- E
tion at 700 m}/cm?; (II)
second irradiation at
500 mj/cm? after (I);
(Il second irradiation
at 700 m)/cm? after (l).
(C) a-Si deposited on
bare Si (1), first irradia-
tion at 500 mJ/cm?; (Il)
second irradiation at
500 m)/cm? after (I).
(D) Sample s2 (1), first
irradiation at 700 m}/cm?
(1) second irradiation at
700 m}/cm? after (). Op-
tical micrograph (E) of a
copper TEM grid and (F)

the resultant pattern on sample s3 (with deposited amorphous Si over the template) after laser exposure. (G and H) AFM images after HF treatment. Scan size is 2 x

2 um, and the | bar along the z axis is 40 nm in (H).
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exhibited very similar characteristics, with only
slightly less power in each peak because of the
slightly reduced ordering. In contrast, samples
with deposited films where native oxide was not
removed behaved quite differently (sample s3).
The RDF of the resulting Si nanopillars exhibited
a first-order maximum shifted to larger distances
[pillar-to-pillar distance () = 39 nm] as compared
to the template (» = 31 nm) and a rapid decay
with no additional higher-order peaks. Examina-
tion of the AFM image in detail revealed sequences
of pillars with the expected nearest-neighbor
distance (=31 nm), surrounded by neighbors with
distances closer to the expected second—nearest-
neighbor value. This suggests that a substantial
number of pores simply did not get filled, which
is consistent with the 37% loss of centers from the
Voronoi analysis. The corresponding RDF maxi-
mum indeed lies in between the nearest- and
second—nearest-neighbor spacings and may be
caused by a slight deformation of the template
toward the empty space during melting.

The Si transient melt behavior during laser
irradiation was monitored with TRR of samples.
When irradiated above the melt threshold, the
reflectance of a bare c-Si substrate will jump as
the melt first forms, remain constant while the
melt front propagates into the substrate, and de-
crease abruptly only as the surface solidifies (Fig.
4A, 1). Increasing the fluence from 700 to 800
mJ/cm? extends the melt duration (that is, there is
a broader reflectance curve) (Fig. 4A, II). Small
changes in the reflectance before melting result
from simple surface heating (28). We investigated
three sample structures: (i) the c-Si substrate with
the porous template, (ii) the c-Si substrate with a-Si
on top, and (iii) the c-Si substrate with the template
and a-Si deposited on top. With just the porous
template (case i), the TRR signal remained very
similar to that of the bare c-Si substrate, although
the melt duration increased by ~8 ns at 800 mJ/cm®
(compare traces in Fig. 4A, II and III). On the time
scale of the laser pulse and melt duration, the cross-
linked silica-type template does not undergo any
substantial structural change. The extended melt
duration arises partially from the antireflective
nature of the porous template coating (29), but also
suggests the incorporation of a low concentration of
impurities (possibly O or Al) during solidification.

In case ii, with a-Si deposited directly on the
¢-Si substrate, the TRR signal strongly depended
on the fluence (Fig. 4, B and C). With a lower
melting temperature, the melt threshold for a-Si is
less than that of ¢-Si (30). Epitaxial solidification
can occur only for fluences sufficient to melt into
the c-Si substrate (Fig. 4B), with polycrystalline
Si (poly-Si) resulting at lower fluences (Fig. 4C)
(31). Transformation of the a-Si could be readily
confirmed visually (Fig. 1I). After irradiation at
or above 700 mJ/em?, samples behaved similar to
the bare substrate, with a melt threshold near 600
mJ/em® (Fig. 4B, 1 to III). However, for initial
irradiations below the melt threshold for c-Si
(e.g., at 500 mJ/cm?), a peak was observed in the
TRR signal (Fig. 4C, I). When the spot was ir-

radiated again at this fluence, the peak remained
(Fig. 4C, 1I), indicating the formation of poly-Si
structure with lower thermal conductivity.

From these results we concluded that in order
to epitaxially crystallize a-Si deposited in the tem-
plate pores (case iii), samples had to be irradiated
above the melt threshold of ¢-Si. Upon irradiation
(Fig. 4D, I), the reflectance first increased rapidly,
then stayed constant, followed by a steep first drop;
and finally further decreased gradually over several
tens of nanoseconds. The drop in reflectance in two
steps is probably due to the different time scales
involved for heat transfer from molten Si to the
substrate within a pore (faster) and at the top
of the template, which is a poor heat conductor
(slower). During a second irradiation at the same
spot (Fig. 4D, II), the reflectance signal exhibited
a single peak and decay, suggesting the absence
of Si on top of the template. Because in various
experiments more a-Si was deposited than was
necessary to fill the pores, we speculate that this
could only happen if the deposited Si on top of the
template flowed through the pores to move under
the template, displacing the template upward. The
poor wetting properties (32) between molten Si and
the aluminosilicate template might propel this sur-
face tension—driven flow of molten Si through
the template.

A key step in obtaining single-crystal epitaxy
is to remove the native oxide layer to generate a
clean interface between deposited amorphous
material in a pore and the c-Si substrate. Main-
taining this condition should enable the genera-
tion of single-crystal epitaxial nanostructures from
thicker self-assembled porous templates. Argon
ion sputtering removes oxide layers in direct line
of sight from the top only. One challenge in working
with silica-type structures is the need to remove
the native oxide to enable the epitaxial crystalli-
zation, while not simultaneously removing the
template. In order to work with thicker and more
complex-shaped structures, we moved to a porous
amorphous niobia template coupled with plasma-
enhanced chemical vapor deposition (PECVD) to
fill the porous structures with amorphous inorganic
material. Figure 3G shows SEM images of a
roughly 100-nm-thick porous amorphous niobia
template with network structure. These templates
were generated in a similar way as the alumino-
silicate templates, using a poly(isoprene-b-styrene-
b-ethylene oxide) (PI-6-PS-b-PEO, ISO) triblock
copolymer with a molecular mass of 23,180 g/mol
[17.2 volume % (vol %) PEO, 52 vol % PS;
polydispersity index = 1.11] as structure-directing
agent for a niobia sol as described elsewhere (33).
The O + oxide volume fraction in the as-made
composite was 24%. After spin coating, composite
thin films heat-treated to 130°C (33) were plasma-
cleaned to remove the organics, resulting in the
desired porous nanostructure. The nanopore lattice
spacing as revealed by SEM data was 32.5 + 8.5
nm; that is, similar to that of the aluminosilicate
templates. Figure 3H displays SEM images of the
resulting porous Si nanostructures after removal of
the native oxide with dilute HF, a-Si deposition,

laser irradiation with two 40-ns laser pulses of 700
mJ/em?, and niobia template removal with con-
centrated HF (27). The images show that the Si
has filled the pores, retaining the ~100-nm-thick
template nanostructure. Cross-sectional TEM was
performed on this sample to examine the epitaxial
relationship between the silicon nanostructure and
the substrate. In Fig. 31, the Si lattice fringes in the
porous nanostructure were found to be congruent
with the fringes observed in the substrate,
confirming the epitaxial correlation also for these
thicker films (compare Fig. 3, A and I). Results of
TEM imaging after plan-view polishing and
electron diffraction on this sample are shown in
fig. S1. Removing the native oxide layer before
laser annealing indeed turmed out to be a critical
step. Fig. S2 shows two cross-sectional images of
films etched for different times. When the native
oxide was not removed completely (a 20-s etch),
the crystal orientation in the film was indepen-
dent of the substrate orientation and poly-Si formed.
Extending the etch to 35 s resulted in single-crystal
epitaxy in some regions of the film. In those regions
where epitaxy had failed, the thin native oxide layer
was still present. To go beyond the laboratory-scale
proof of concept presented here, the oxide etchant
needs to be able to penetrate small pores more
reliably. This can be done with modern gas-phase
semiconductor processing technology (with gas-
eous HF rather than liquid).

Finally, our bottom-up fabrication of epitax-
ially grown inorganic nanostructures was com-
bined with top-down lithographic approaches to
define specific areas, thus providing access to
hierarchical nanostructures. As a proof-of-principle
experiment, a TEM grid was used as a simple
mask during the laser irradiation process to form
patterns on a micrometer scale (Fig. 4E). The grid
was placed in contact with the sample surface to
minimize the loss of fidelity from the divergence
of the homogenized incident laser beam (see fig.
S3 for a schematic of the laser setup). The re-
sulting Si pattern after irradiation through the
TEM grid (Fig. 4F) indicates remarkable transfer.
After template removal by HF, subsequent AFM
imaging shows distinct squares of patterned ma-
terial (Fig. 4G). Close-up images (Fig. 4H) of the
square confirm the presence of Si nanostructures
in the irradiated area and smooth flat Si in areas
under the mask. As the image in Fig. 4G suggests
and the AFM cross-sectional analysis confirms
(Fig. 4H), the pattern edges of the irradiated areas
are markedly higher than the interior of the areas.
Despite poorly controlled edge effects, this simple
proof-of-principle experiment does demonstrate that
the placement of epitaxial single-crystal nano-
structures can be controlled through simple imaging
methods. Arbitrarily complex shapes should thus
be possible to create by leveraging the wealth of
patterning techniques currently available.
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An Oxidative Enzyme Boosting the
Enzymatic Conversion of
Recalcitrant Polysaccharides

Gustav Vaaje-Kolstad, Bjerge Westereng, Svein ]J. Horn, Zhanliang Liu, Hong Zhai,

Morten Serlie, Vincent G. H. Eijsink*

Efficient enzymatic conversion of crystalline polysaccharides is crucial for an economically and
environmentally sustainable bioeconomy but remains unfavorably inefficient. We describe an
enzyme that acts on the surface of crystalline chitin, where it introduces chain breaks and
generates oxidized chain ends, thus promoting further degradation by chitinases. This enzymatic
activity was discovered and further characterized by using mass spectrometry and chromatographic
separation methods to detect oxidized products generated in the absence or presence of H,'20 or
180,. There are strong indications that similar enzymes exist that work on cellulose. Our findings
not only demonstrate the existence of a hitherto unknown enzyme activity but also provide new
avenues toward more efficient enzymatic conversion of biomass.

he transition to a more environment-

I friendly economy has spurred research
on enzymes capable of efficiently degrading
recalcitrant polysaccharides, such as cellulose and
chitin (Fig. 1A), for the production of biofuels (/).
Traditionally, enzyme systems capable of degrad-
ing such polysaccharides are considered to consist
of endo-acting enzymes that cut randomly in the
polysaccharide chain and processive exo-acting
enzymes (chito- or cellobiohydrolases), which de-
grade the polymers from chain ends. All these
enzymes are hydrolytic and are referred to as gly-
coside hydrolases. Although this model is gener-
ally accepted, it remains difficult to understand
how the glycoside hydrolases could act on a poly-
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saccharide chain in its crystalline environment,
and biochemists have speculated about the exis-
tence of a substrate-disrupting factor that could
make the crystalline substrate more accessible to
hydrolytic enzymes (2).

Recently, it was discovered that microor-
ganisms that break down chitin, a crystalline analog
of cellulose occurring in the shells of insects and
crustaceans, indeed produce a protein that in-
creases substrate accessibility and potentiates hy-
drolytic enzymes (3) (Fig. 1B). These proteins are
classified as carbohydrate-binding modules (CBMs)
and belong to family CBM33 as defined in the
Carbohydrate Active Enzymes (CAZy) database
(4, 5). The first example of such a protein is CBP21
(CBP for chitin-binding protein), produced by the
chitinolytic bacterium Serratia marcescens. As
another example, two CBM33-containing proteins
from Thermobifida fusca potentiate chitin hydrol-
ysis by chitinases and cellulose hydrolysis by cel-
lulases (6). Genes putatively encoding CBP21-like

proteins are abundant in bacteria and viruses but
are rare in eukaryotes. Fungi produce proteins clas-
sified as family 61 glycoside hydrolases (GH61)
that act synergistically with cellulases (7) and are
structurally similar to CBM33 proteins (7, 8) (Fig.
1, B and C). The structural similarity includes a
diagnostic conserved arrangement of the N-
terminal amino group and two histidines that
bind a metal ion (Fig. 1D). One of these histi-
dines (His**/His'® in Fig. 1D) is the N-terminal
residue of the mature protein that results after
proteolytic processing of the signal peptide dur-
ing secretion. So far, the mechanisms employed
by CBP21-like and GH61-like proteins have re-
mained elusive.

We show here that CBP21 is an enzyme that
catalyzes cleavage of glycosidic bonds in crys-
talline chitin, thus opening up the inaccessible
polysaccharide material for hydrolysis by nor-
mal glycoside hydrolases. This enzymatic ac-
tivity was first discovered when we detected
traces of previously unidentified chitooligosac-
charides upon incubation of B-chitin nanowhiskers
with CBP21 (Fig. 2A) (9). The products were
identified as chitin oligosaccharides with a normal
sugar at the nonreducing end and an oxidized
sugar, 2-(acetylamino)-2-deoxy-p-gluconic acid
(GIcNACcA), at the other end (Fig. 2B and fig. S1).
Addition of reductants dramatically increased the
efficiency of the reaction (Fig. 2, C and D), which
enabled the breakdown of large crystalline $-chitin
particles by CBP21 alone (Fig. 2), with the release
of a range of oxidized products (figs. S2 and S3
and below). In the presence of a reductant such as
ascorbic acid, CBP21 boosted chitinase efficien-
cy to much higher levels than previously ob-
served (Fig. 2D) (3). Biotechnological applications
could take advantage of the ability to increase
CBP21 activity by adjusting the reaction conditions.

If CBP21 acts randomly on crystalline sur-
faces, one would expect generation of longer
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